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Structure formation mechanisms and kinetics
of reaction-bonded silicon nitride

HAMLIN M. JENNINGS”, MARC H. RICHMAN
Division of Engineering, Brown University, Providence, Rhode Island, USA

This paper reports on models which have been developed to explain the formation mech-
anism and kinetics of the major microconstituents of reaction-bonded silicon nitride.
These models are based on information obtained from a detailed microstructural study
during various stages of reaction and a knowledge of the reaction conditions which
encourage formation of each particular microconstituent. It has become clear that there
are at least two independent mechanisms and that they are governed by independent rate
laws. The kinetics of nitridation of a silicon compact is, therefore, the superposition of at
least two independent rate laws, Experimental evidence obtained thus far is in good agree-

ment with this hypothesis.

1. Introduction
Silicon nitride possesses very good properties for
high temperature engineering applications. As a
result, an extensive effort to develop useful fabri-
cation techniques was initiated in the early 1960s
at the Admiralty Materials Laboratory in England
by Parr and co-workers [1,2]. Since then, re-
search has been conducted in Great Britain, the
United States and recently in Germany [3].
Thermal shock resistance and high temperature
creep, erosion and corrosion resistance make
silicon nitride attractive for such components of
gas turbine engines as rotors, stators, heat ex-
changers and combustion chambers. Reaction-
bonded silicon nitride has the advantage of main-
taining its bulk dimensions during nitridation,
which allows it to be easily fabricated into com-
plex shapes. Progress has been made in the effort
to increase its strength and creep resistance, with
strengths in excess of 350MPa (50x 103psi)
being reported [4]. Correlations have been made
between degree of reaction, density and strength
[4—6], giving positive direction to research pro-
grams. Much of the work on the reaction-bonded
material has been reviewed elsewhere [7-9].
There has, however, been great difficulty in
understanding the formation mechanism and
kinetics of nitridation. This confusion has been

reflected in the literature [10, 11], where linear
and logarithmic rates have been reported, and the
conditions leading to the various kinetics have
been difficult to reproduce and control. If real
progress is to be made with the reaction-bonding
technique, an understanding here is as necessary
as the understanding of how density and degree
of reaction are related to bulk properties. It will
lead to a control of the microstructure and conse-
quently control of the engineering properties.

The purpose of this paper is to illustrate the
progress which has been made in the following
areas: (1) establishing a detailed cause-effect
relationship between processing conditions and
microstructure, (2) developing models of the
formation mechanism, and (3) inferring possible
kinetic relationships. It is believed that this under-
standing will aid researchers to further develop
reaction-bonded silicon nitride as a useful high
temperature material.

2. Experimental

2.1. Fabrication

This investigation studied many variables, with
over 90 samples being nitrided, one at a time, sub-
ject to a wide variety of conditions. Starting
particle size and purity were varied between
batches of numinally 99% pure (—200 mesh) and
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99.99% pure (—325 mesh) silicon powder. Table I
shows the chemical and size analysis of the two
grades of powder used. For some experiments the
99% pure powder was sieved to —325 mesh so that
a simple comparison between purities can bes

TABLE 1 (a) Chemical analysis of “—200 mesh” Si

powder

Element Amount (%) Element Amount (%)

B 0.001-0.01  Cr 0.001

Al 0.01-1.0 Mn 1.0

Ca 0.01-0.1 Fe 1.0-10.0

Ti 0.01-0.1 Ni 0.01-0.1

v 0.01 Zr 0.001-0.01
Ag <0.0001

TABLE I (b) Particle size distribution for “—200 mesh”
Si powder

Mesh Particle size %
size (um)

+50 >297 0.0
+100 >149 0.11
+ 200 > 74 17.17
—200 <74 82.47

TABLE I (¢) Chemical analysis of “—400 mesh” Si
powder

Element  Amount (%) Element Amount (%)

B 0.001-0.01 Ti 0.0001-0.001

Sb 0.01-0.1 Cr 0.01-0.1

Mg 0.0001-0.001 Mn 0.01-1.0

Al < 0.0001 Fe 0.1-1.0

Ca 0.001--0.01 Cu 0.0001-0.01
Ag <0.0001

TABLE I (d) Particle size distribution for “-—400 mesh”
Si powder

Mesh Particle size %
(um)

+50 >297 0.0

+100 > 149 1.14

+ 200 > 74 12.30

—200 <74 86.02

made. Ultra fine particle size (mean size ~ 5 um)
was obtained by ball milling. The powder was
maintained and handled in a dry nitrogen atmos-
phere. Cation impurities were checked for spectro-
scopically, and sieves and scanning electron micro-
scopy were used to check particle size.

A cylindrical compact was formed using a split

steel die 2.54 cm diameter. About 8 g of powder
and usually a temporary binder (e.g. acetone)
were pressed under 29 to 44 MPa (4.3 to 6.4 x 10°
psi). The “green” compact was then placed in a
vacuum desiccator to draw off any volatile ma-
terial. The density was calculated from weight and
volume measurements and constituted one variable
which was held relatively constant at 1.5gem™
(correlations [4—6] have already been made
between density and strength and one of our goals
was to establish a correlation between microstruc-
ture and strength).

The nitridation process was carried out in a
vertical tube furnace, heated with a silicon carbide
element surrounding the reaction chamber which
was made of recrystallized aluminium oxide
~3cm diameter. The sample contacted only a
block of silicon nitride used as a support. High
purity nitrogen gas containing a maximum of
0.0008 mol % oxygen was dried by passing over
P,0; before entering the reaction chamber, where
it was maintained at a slight positive pressure.

During nitridation the gas could be made to
flow over the sample at rates anywhere between O
and 350cm®min~'. Nitridation temperatures
ranged from 1200 to 1600° C for times from
several hours to several days. The rates of heating
and cooling were automatically controlled® and
varied from 30° Ch™ to several thousand °Cmin™
(in the latter case the sample was abruptly lowered
into the hot zone).

2.2. Specimen characterization

After nitridation, density was again calculated
from weight and volume measurements and this,
when compared to the “green’ density, allowed
the degree of reaction and per cent porosity to be
calculated.

The specimen was then cut into several pieces
using a diamond saw on a Micro-matic wafering
machine. The pieces were used to perform the
following tests: (1) powder X-ay diffraction to
determine the relative amounts of alpha and beta
SizN,, unreacted silicon, and any other impurity
phases. (2) Optical, transmission and scanning
electron microscopy to characterize the micro-
structure. Optical samples were polished, TEM
samples were ion-beam milled, and the SEM was
used to examine fracture surfaces which were
coated with 100 to 200A of gold. Details of

* This does not account for the exothermic nature of the reaction which can cause substantial internal temperature

rises in the specimens being nitrided.
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Figure 1 Ratio of a/g versus gas flow rate.

these procedures have been published elsewhere
[12,13]. (3) Although not of great import here,
transverse rupture strength was determined by
three-point bending.

3. Microstructure

The predominant microconstituents are alpha-
phase needles, alpha-phase matte, and beta spikes.
Each of these components has a distinct formation
sequence and this, coupled with knowledge of
the reaction conditions which encourage the for-
mation of a particular microconstituent, supplies
strong evidence regarding the mechanism and
kinetics of formation. It should be emphasized,

however, that because there are several competing
rates, most processing conditions lead to several
microconstituents. Using the results from a large
number of experiments has enabled us to establish
conditions which encourage the formation of a
particular phase. These trends are presented in
Table II. (Figs. 1 to 3 show more specific data,
from which Table II was derived). It should be
noted that for each datum point all conditions,
except the one indicated, must be kept constant.

A detailed presentation of the microstructure
is presented elsewhere [12] but in order to facili-
tate an understanding of the formation mechanism
some micrographs will be presented here.

TABLE II Processing parameters encouraging specific morphologies

Microconstituent Time (h) Temperature (¢ C) Heating rate Gas flow rate  Comment
« needle <24 < 1400 seems to 300° Ch™ - observed ina
favour needles majority of samples
particularily less pure
8 blades > 24 > 1450 — — only observed when
conditions are satisfied
a (fine) matte — < 1450 slow no gas flow use purer
powder (finer)
g (coarse) matte >5 > 1450 rapid fast gas flow
3 spikes — > 1450 rapid fast gas flow use less pure
powder (coarser)
large pores > 24 > 1450 rapid -
large unreacted >24 < 1400 300° Ch™

grains

— indicates that evidence collected thus far does not indicate variable is important.
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Figure 3 Ratio of a/g versus highest temperature to which sample was heated during reaction.

3.1. Alpha needles

Alpha needles appear in almost all samples but are
particularly numerous when less pure starting
powder is reacted in the temperature range of
1350 to 1400° C for several hours. The needles
have a high aspect ratio (>>25) and grow into the
porosity of the original compact. Some of them
are characterized by a small bead at the terminus
(Fig. 4). Other needles are attached to large grains
as shown in Fig. 5. Three types of alpha needles
are observed in the transmission electron micro-
scope. Again there are needles with and without
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beads on their terminus and some of these needles
are clear while others have lines roughly perpendi-
cular to the axis (Fig. 6 at C). It should be noted
that most of the needles with lines do not have
beads on their terminus. These lines have been
attributed to impurity bands, interference bands
and dislocations. Another type of needle can also
be seen by the TEM and they have been charac-
terized by Evans and Sharpe [14] as an inner
crystalline core surrounded by an amorphous
sheath as shown in Fig. 6 at B.



3.2. Alpha matte

3.3 Beta phase

The alpha silicon nitride can also manifest itself The beta phase predominates when a sample made

as a fine grained matte. The use of fine, pure
powder and a heating rate of 300°Ch™* to a
temperature less that 1400° C with no gas flow

. A iR
Figure 4 Needles of o, some of which have beads at
terminus. SEM.

Figure 5 Photograph showing silicon that has been re-
moved from unreacted grain as needles grow. SEM.

over the sample favors the formation of matte.

In the early stages of formation, the smallest
silicon grains are the ones to react first and the
product is often found around the larger grains,
particularly in areas where the grains were for-
merly contiguous (Fig. 7). The product is very
fine grained (<<0.5 um). As the reaction proceeds,
all the smaller grains are consumed and the pro-
duct fills the area between larger grains. Scanning
electron microgranhs show the matte advancing
into grains with a characteristic porosity at the
interface (Fig. 8). For still longer times the reac-
tion leading to alpha-phase matte comes to a stop
before the large grains of silicon have completely
reacted to alpha.

from less pure, coarser silicon (Table II) is heated
rapidly in the presence of flowing nitrogen to a
high temperature. In the initial stages of reaction,
the beta phase forms on the surface of a grain
and spikes grow (Fig. 9) in towards the centre of
the grain. The grain size is much larger than the
size of the alpha grains. As the reaction proceeds

Figure 6 Transmission electron micrograph: A — o« —
needle with beads, B — « — needles with cores, C - o —
needle with impurity bands.

Figure 7 Optical micrograph showing initial stages of
a-matte formation. Smallest grains react and fill in areas
between larger grains.

the spikes become larger and fill up more and
more of the original silicon grain (Fig. 10). Finally
the spikes merge together into what appears to be
one large reacted grain.

If, during this process, the temperature is
raised and maintained at ~ 1500° C, i.c. well above
the melting point of silicon, the silicon will melt
and flow out leaving cavities which allow scanning
electron micrographs of the spikes to be obtained
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as if they had been growing into a void. Fig. 11
shows these spikes as they grow together into the
void left by the melted-out grain.

4. Formation mechanism

4.1. Formation of the alpha phase

Several places of evidence support the idea [15]
that the alpha phase is formed from the vapour

Figure 9 Initial stages of beta phase showing cross-section
of grain of Si with g spikes running through it (not in
plane of photograph).

state. They are (1) the detailed microstructure,
(2) the fact that the percentage of alpha phase in
the product is influenced by the introduction of
oxygen, and (3) the fact that the percentage of
alpha phase is influenced by the rate of flow of
nitrogen gas over the sample.

Microscopic studies reveal that alpha matte
often forms around the larger particles even
though the smaller particles are the first to react.
It is also observed that the bulk dimensions of a
sample do not change during nitridation. From
sintering theory it is known that the only way to
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transport material when a powder is heated,
without changing the buik dimensions, is surface
diffusion and evaporation-condensation. Alpha
matte has a very small grain size suggesting nu-
cleation from the vapour phase and some of the
alpha needles have beads on the terminus sug-
gesting formation by means of a vapour—liquid—
solid mechanism.

The influence of oxygen on the formation of
alpha silicon nitride is well documented. Slight
additions of oxygen [10] or water [16] greatly
‘increase the percentage of alpha phase in the
product. Messier and Wong [17] observed a
weight loss (during thermogravimetric analysis
experiments) when a small amount of oxygen
was present in the nitrogen atmosphere. This was
attributed to the formation of gaseous SiO. It
has also been observed that even though oxygen
encourages the formation of the alpha phase there
can be virtually no oxygen in the resultant siruc-
ture [18—20]. Taken together, these facts suggest

Figure 10 Micrograph shows spikes that are in contact
and appear to be one reacted grain.

that the role of oxygen is to form gaseous SiO
which in turn forms the alpha phase. The role of
oxygen is simply that of encouraging the silicon
to be carried to the reaction site in the vapour
state and the oxygen need not necessarily enter
the resulting structure, although in some cases it
may.

There is a further possible role of oxygen.
Gaseous nitrogen is not very reactive, but in the
presence of a catalyst (usually a transition ele-
ment) and at high temperature it will combine
with oxygen to form NO which is considerably
more reactive. In this way, the role of oxygen in
the reaction between silicon and nitrogen may be



Figure 11 Fractograph showing spikes end-on (a) and from the side (b) as they continue to grow and merge together.

influenced by the presence or absence of other
impurities as well as by temperature.

An inverse correlation has been made between
the gas flow rate and percentage of alpha in the
final product. A low percentage of alpha phase
can be interpreted as a result of a gaseous inter-
mediate being swept away by the flowing nitrogen
and a high percentage of alpha phase is the result
of the gas continuing to react in stagnant nitrogen.

In experiments using a flowing gas, a brown
deposit sometimes appeared “downstream” from
the specimen which, when analysed by X-ray
diffraction, was found to be either one or a com-
bination of SiON,, SiO,, Si or sometimes a ma-
terial too amorphous for diffraction. This further
supports the role of a gaseous phase in the reaction
process.

When high purity single crystals are heated in a
nearly oxygen-free nitrogen atmosphere, only the
alpha phase forms. In this system, silicon can be
carried to the reaction site as a vapour (by volatili-
zation) without the presence of oxygen; and, if
there is an over-riding reason which prevents the
formation of the beta phase (which will be dis-
cussed in Section 5.3), alpha will be the pre-
dominant product. A high degree of crystallo-
graphic orientation ((00 1) basal plane parallel to
(111) Si surface) was observed [21} in the growth
of the alpha phase on single crystals. This further
supports the idea that a vapour was involved and
had a strong tendency to adsorb on preferred
crystal planes.

4.1.1. Formation of alpha needles

Since it was first suggested by Gribkov er al [23]
it has been generally accepted that alpha needles
form by a vapour—liquid—solid mechanism. The

beads at the terminus of some needles often con-
tain impurities such as Fe [11], which can lower
the melting temperature of silicon as much as
200° C. Silicon is transported in the vapour phase
to the bead where it condenses as a liquid. Nitro-
gen does not react with silicon in the liquid phase
[16] and therefore it must react at the solid—
liquid interface to form silicon nitride and thereby
lengthen the needle. This process is schematically
illustrated in Fig. 12. Under certain conditions the
reaction may not proceed all the way to the centre
of the needle leaving an unreacted inner core.
This may explain how some needles were formed

LIQUID BEAD

Sio

NITROGEN

GROWTH
DIRECTV

N

SILICON NITRIDE NEEDLE

Figure 12 Schematic drawing showing growth of needles
by V-L-S mechanism.

which appear to have unreacted silicon, which was
once liquid, in their core [23, 24].

Many needles, however, have no beads attached
to their ends but when examined they seem to be
attached to larger grains (see Fig. 5). The same
formation mechanism could operate if a “puddle”
of liquid were to form on the surface of a larger
grain and were to serve as the liquid in the VLS
mechanism. When this happens, however, the
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point of contact with the puddle will have to
support the weight of the needle as it grows. At a
certain point the needle could move, making an
angle with the growth direction as illustrated in
Fig. 13. This process could form low-angle grain
boudaries or twins and may account for the lines
running across some needles in the transmission
electron micrographs. Also, impurities on the
surface of the silicon grain could easily be trapped
in the growing needle, further contributing to the
observed lines. These lines have also been attri-
buted to axial screw dislocations [23] and there-

Figure 13 Schematic illustration showing possible mech-
anism for formation of needle with liquid phase on
surface of silicon grain.

fore further work is necessary in this area. Finally,
the observation that the needles tend to grow at
low temperatures could be explained by the need
to keep the puddle at the root of the needle small
and in contact with the needle. As the reaction
continues, silicon would be supplied to the liquid
puddie by diffusion from the bulk of the unre-
acted grain (see Fig. 5), creating channels and
breaking up the larger grains.

The amorphous sheath found around some
needles is most probably an oxide layer formed
after original needle growth.

4.1.2. Formation of alpha matte

The alpha matte is formed at the surface of the
silicon particles, probably from the vapour phase.
A detailed mechanism for the formation of the
alpha matte has been proposed by Atkinson et al.
[25] who suggest a sequence of events schemati-
cally illustrated in Fig. 14. They explain the fact
that the overall dimensions of a sample remain
unchanged during nitridation even though the
volume of solid increases by 22% by postulating
that no reaction takes place at the nitride—silicon
interface. After a layer of nitride forms on the
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Figure 14 Schematic illustration of formation of alpha
matte. (a) silicon is first covered with a layer of nitride,
(b) Si migrates out and leaves vacancies behind, (c)
vacancies condense to form a pore at the nitride-silicon
interface and (d) nitride grows into pore which migrates
into silicon grain. After Atkinson et al. [25].

surface of a particle, silicon diffuses through this
layer and reacts with nitrogen in the original
voidage of the compact. As a consequence, va-
cancies are left behind in the unreacted silicon and
combine to form pores. The process continues as
nitrogen fills the pores and more silicon diffuses
through the nitride to the surface of the particles.
We are in complete agreement with these obser-
vations as discussed in Section 3.2. In particular, it
explains the characteristic porosity and grain size
which are observed in the alpha matte.

4.2. Formation of the beta phase

A reaction mechanism for the formulation of the
beta phase can be deduced from the microstructur-
al study. As has been shown, spikes of the beta
phase shoot into the grains of silicon and, as the
reaction goes to completion, they coalesce and
fuse together. The beta structure [26] has hex-
agonal tunnels 1.5A diameter running in the ¢
direction. This allows nitrogen, which has a Van
der Waals radius of 1.5 A, to diffuse easily through

N
'
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SILICON

%

REACTION FORMING
77 “NITRIDE

GROWTH DIRECTION <00I>
Figure 15 Schematic showing beta spike growing into

silicon grain by diffusion of nitrogen down hexagonal
tunnels to end of spike where reaction occurs.



the beta structure to the nitride—silicon interface.
Nitrogen can easily escape so that trapped nitrogen
will not alter the stoichiometry (any diffusion
mechanism must allow for the release of nitrogen).
A schematic illustration of the beta phase growing
into silicon is shown in Fig. 15. This mechanism is
a variation of the diffusion-barrier controlled
mechanism first proposed by Wild ez al. [15].

Because the silicon expands by 22% upon
nitridation, space must be made available for the
reaction to proceed. The introduction of porosity
or the melting away of silicon could gain the
needed space, but because the overall dimensions
of the samples do not change there can be no
growth into the particle when there is no available
space. Therefore, the observed tendency for the
percentage of beta to increase at high temperatures
can be explained. Similarly, the presence of
impurities in the powder will reduce the melting
point of silicon and thereby encourage (because
of contraction on melting and ability to flow) the
formation of the beta modification. This is consis-
tant with the observation, both elsewhere [11]
and in this study, that impurities can increase the
percentage of beta phase in the product.

Impurities in the nitrogen atmosphere could
clog the hexagonal tunnels and make formation of
beta difficult. This may be an indirect role of
oxygen in encouraging the formation of alpha. If
conditions favouring the formation of beta are
present, the oxygen (or other impurities) could
slow down the overall kinetics, as has been ob-
served [27].

Finally, the high density of dislocations found
in the beta structure as compared to the alpha
structure could be explained by the fact that
the beta forms in the solid state and the alpha
grows from the vapour state.

5. Kinetics

Since the principal phases of reaction-bonded
silicon nitride form by very different mechanisms,
it would be surprising if they formed according to
the same rate law. It is our contention that the
overall rate of reaction results from the super-
position of (at least) two independent rate types,
with the various reaction conditions controlling
the predominant mechanism for a single sample.

5.1. Alpha needles
At the initial stages of formation a bead or puddle
composed of silicon forms on a large grain. The

rate-controlling step is likely to be the rate at
which nitrogen dissociates and since this may be
accomplished in small, low energy steps, it may be
quite rapid. As needles begin to form, the mech-
anism changes. In the case of needles growing from
puddles, silicon is easily supplied to the liquid and
the needles grow quite rapidly. In the case of
needles growing with beads at their terminus, the
rate of formation is probably dependent on the
rate at which silicon is introduced into the vapour
state and this is related to the ease of breaking
silicon—silicon bonds. The activation energy is
about 86 kcalmol™ [28] and the silicon will
probably condense rapidly because of its exo-
thermicity.

Once the surface of the grains becomes coated
with product (and this happens fairly quickly) the
process is slowed down and complicated by the
need for the diffusion of the reactants through the
nitride layer. The rate of product formation
becomes slower as the layer of nitride thickens and
is also dependent on phase, grain size and mor-
phology of nitride coating. It should be noted that
the addition of impurities such as Fe can en-
courage the formation of alpha needles (if other
conditions are correct as per Table II) and can,
therefore, increase the rate of nitridation.

5.2. Alpha matte
After the very initial stages, the formation of alpha
matte is also closely linked to the diffusion of the
product through the nitride layer. Assuming that
the rate-controlling step is the diffusion of re-
actants through the nitride layer, a first approxi-
mation of the rate law can be deduced by the
following considerations.

The rate at which the thickness of a diffusion
layer increases can be given by

dy _ DkAq

dr y @

where An is proportional to the driving force and
usually a function of concentration, y = thickness,
D = diffusion constant which depends exponen-
tially on temperature, k = constant.

The driving force for any sintering process (in
the absence of external pressure) is the free energy
change which occurs when the neck between the
particles thickens. This thickening lowers the
solid—vapour surface area and increases the radius
of curvature of the neck. (The well-known Kelvin
equation expresses this concept.) It has been
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suggested [29,30] that the rate of neck growth
for the vapour condensation method is given by

3

x :

— = ct, 2

- @
where ¢ = time, x =neck radius, r=radius of
spheres, ¢ = temperature-dependent function. If
the radius of the neck is considered to be inversely
proportional to the driving force, it can be sub-
stituted for An in Equation 1

dy DK’
ar = yem) 3
Integrating:
y2 — D’K”r—1/3t2/3 (4)

Now, if spherical particles are forming a nitride
layer, then the volume of unreacted silicon is
given (as suggested by Jander [31]) by

V =4310r—y)° (5)
V = 4/37r°(1—x) (6)

or

where x = fraction already reacted. Combining
Equations 5 and 6 gives:

y =r[1—01—x"]. @)

This is valid, at least during the initial 75% of
reaction. Then equating Equations 4 to 7 gives:

Since other products besides alpha matte are
forming simultaneously, Equation 8 can only be
considered an approximate treatment. The results
of a series of experiments with constant conditions
except for time are given in Fig. 16. It has already
been noted that many processing conditions affect
the alpha to beta ratio and consequently only a
few datum points have been taken with reaction
time being the only variable. The agreement be-
tween experiment and theory is good, suggesting
that the functional form of x versus ¢ is based on
sound principles.

5.3. Beta phase

The pattern of growth for the beta phase is very
different from that of the alpha phase. The devel-
opment and growth of the beta spikes into the
silicon grains suggests that the product is formed
at the tip of the spike (i.e. the point penetrating
into the silicon grain). Nitrogen must adsorb on
the opposite end of the spike (i.e. the particle
surface) and then diffuse down the length of the
spike through the hexagonal tunnels to the sili-
con—silicon nitride interface.

The rate at which the beta phase forms and
develops must depend on a number of conditions,
including the probability of adsorption occurring.
This phase will continue to grow as long as room
for expansion inside the silicon grain exists. With-
out this necessary room the beta phase will not
form in the solid state, which may explain the

[1—(1—x)"]2 = D'K"t?? 8) observed lack of beta phase when high purity
P73 single crystals of silicon are nitrided at <1410°C
*20( 99.99 % PURE POWDER
GAS FLOW RATE 65.5c¢m?® min~!

HEATING RATE 350°C n!
TEMPERATURE 1500°C

D' K"t 2/3
,7/3

100 -
A oo (YT =
x o PHASE

8ol o [ PHASE

PERCENT REACTED

1 1 i

L 1 1 J
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TIME
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Figure 16 The formation of o and 3 phases obey two separate rate laws.
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[21,22]. If there is room for the beta spikes to
grow, then the rate controlling step might be the
adsorption and scission of the nitrogen. Alterna-
tively, the rate of SizN, deposition at the end of
the spike might be the rate-controlling step.
Because of the large hexagonal tunnels offering
easy nitrogen motion, diffusion is most likely not
the rate-controlling step. The rate law, then,
would be linear as is observed in Fig. 16, at least
when the reaction temperature is above the
temperature of fusion of the silicon. Deviation
from expected rate laws after long reaction times
is probably due to the fact that as the supply of
unreacted silicon runs out, the formation of one
phase will interfere with the kinetics of the other.
This linear rate law has also been observed by
Huttinger [27] in his samples which were pre-
dominantly beta phase. The addition of im-
purities, particularly iron, to the silicon will
lower the melting temperature of silicon and this
will allow for the beta phase to grow more rapidly.
It has been observed [11] that impurities increase
the rate of nitridation and often this is accom-
panied by an increase in the percentage of beta in
the product. Thus, under some conditions iron
encourages the formation of alpha needles (as per
Section 5.1) and under other conditions it can
encourage the formation of the beta phase. If the
reaction takes place at high temperature and long
periods of time the latter case will probably
dominate.

6. The effect of heating rate

The fact that the heating rate can have a signifi-
cant effect on the rate of nitridation was first
reported by Popper and Ruddlesden [32], but
their observations were limited only to the total
nitride formed and did not deal with the effect of
heating rate on the alpha to beta ratio. This
variable is very often not reported because it is an
unusual variable to consider important and also
because any effect that it does have is easily
obscured by the large number of other variables
which can alter the alpha to beta ratio. Many
methods have been established for controlling the
exotherm but this does not explain our obser-
vation that there is an optimum heating rate for
the formation of the alpha phase.

In light of the ideas presented in this paper,
however, it can be seen that heating rate must be
an important variable. The alpha and beta phases
form by different mechanisms and therefore have

different activation energies. The relative rates are
altered by initial grain size, purity, and tempera-
ture of reaction. Lower temperatures favour the
formation of the alpha phase and higher tempera-
tures favour the formation of the beta phase.
Therefore, time (even a short time) spent at lower
temperatures will influence the ratio of phases in
the product.

Lower temperatures favour the formation of
alpha matte because higher temperatures strongly
favour the beta phase. A heating rate slow enough
to allow the nucleation of alpha on a large protion
of silicon grain surfaces will ensure the continued
formation of alpha. If, however, the entire surface
of silicon grains is covered with alpha matte (by
very slow heating or long reaction times at low
temperature), there will be no place for the un-
reacted silicon to expand upon further heating
(coefficient of thermal expansion: SizN;=2.5 X
1076°C™; Si=2.8—73x 107°°C™"). Further
heating will rupture the nitrided surface layer, ex-
posing fresh unreacted silicon, which will react
swiftly and exothermically, further raising the
temperature and encouraging both the formation
of beta and further rupture.

There is, therefore, a dependence of alpha to
beta ratio on heating rate which may be explained
(to a first approximation) by the formation mech-
anisms proposed in this paper. This dependence
will exhibit 2 maximum alpha to beta ratio at a
heating rate which is sufficiently slow to allow
the nucleation of alpha but not so slow that the
entire surface of the grains has started to react
to the alpha modification.

7. Discussion

There is much work yet to be performed in order
to refine the kinetic model proposed in this paper.
Obviously there are exceptions to some of the
ideas presented herein. Clancy [24] convincingly
reports that under conditions of high temperature
and pressure, beta phase crystals can form from
the vapour. The observation of beta phase [21,
22] forming on high purity silicon crystals with
impurities in the atmosphere suggests the possi-
bility of other mechanisms operating. Alternative
roles of oxygen such as the formation of NO,
must be studied further.

The fact that there are several distinct for-
mation mechanisms having separate rate-con-
trolling steps, however, seems clear. The overall
kinetics can be explained only by the super-
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position of at least two independent rates. The
resulting complex rate law is influenced by a large
number of processing conditions, some of which
have not yet been exploited. These arguments can
be used to help understand many of the experi-
mental results reported in the literature. The re-
cent idea that nitridation takes place in two stages
[33] can be interpreted as the rate of formation of
the beta phase overtaking that of the alpha phase.
The fact that reaction rate increases with in-
creasing temperature and decreasing particle size
{34] is also a straightforward interpretation of the
proposed mechanisms. The favoured formation
of the beta phase above the melting point of sili-
con [35] can be attributed to the fact that melting
creates “room” by both its contraction upon
melting and its ability to flow. Finally, the multi-
ple role of many impurities can be more easily
understood.

The properties of silicon nitride are dependent
on density, degree of reaction, purity, and also on
the microstructure. An understanding of the
conditions which encourage and the kinetics
which govern the formation of the various micro-
constituents will allow for the deliberate design
of microstructure and a subsequent improvement
of engineering properties.
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